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Abstract

The evolution of in situ elastic strain with cyclic tensile loading in each phase of a singl-fiber/aluminum-matrix composite was
studied using neutron diffraction (ND). An analytical model appropriate for metal matrix composites (MMCs) was developed to connect
the measured axial strain evolution in each phase with the possible micromechanical events that could occur during loading at room tem-
perature: fiber fracture, interfacial slipping, and matrix plastic deformation. Model interpretation showed that the elastic strain evolution in
the fiber and matrix was governed by fiber fracture and interface slipping and not by plastic deformation of the matrix, whereas the macro-
scopic stress—strain response of the composite was influenced by all three. The combined single-fiber composite model and ND experiment
introduces a new and quick engineering approach for qualifying the micromechanical response in MMCs due to cyclic loading and fiber
fracture.
© 2005 Elsevier B.V. All rights reserved.
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1. Introduction He et al[1]. They showed that in AZD3/A1 composites, the
in situ matrix yield strength was significantly higher than the
Nearly all predictive models for fiber composite failure, monolithic value and increased with decreasing local fiber
regardless of their level of sophistication, require knowledge spacing. This distinctive in situ behavior was attributed to re-
of the deformation behavior of the composite phases. The duced grain size and increased dislocation densities near the
deformation of individual phases in composites can differ fiber surface. Likewise, the ex situ versus in situ fiber strength
significantly from their respective monolithic behavior. Con- could be different. A degradation of in situ fiber strength, e.qg.
sider a metal matrix composite (MMC) with ceramic fibers. lower average strength and higher variability could be the re-
Any differences between the in situ and ex situ deformation of sult of fabrication-induced defects. Lastly, such MMCs have
the metal matrix could arise because of microstructural con- an interface region, an interphase, or a reaction zone between
straints, localized strain gradients as a result of phase boundthe fiber and matrix materials. It is important to consider
aries or defects, thermal residual stresses, and changes in thehis region as a third constituent owning properties distinct
microstructure by virtue of composite fabrication and consol- from the fiber and matrix. Naturally, the in situ behavior of
idation. One example of this is provided by recent work by an interface cannot be determined and in situ characteriza-
tion necessarily involves inverse or iterative methods using
_— an interpretive model.
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matrix creep or a combination of these mechanisms. Suchcyclic loading. The model presented here did consider the
complex cases have been analyzed in a number of polymeraxial deformation of the matrix, which was necessary for the
matrix composite$2,3], using micro Raman spectroscopy correct interpretation of the deformation mechanisms.
and in metal matrix composites (MMCs), using chromium
fluorescence peizospectroscpl. There are, however, very
few complete in situ studies of damage evolution in MMCs 2. Experimental procedure
where both the matrix and fibers could be investigated (see
e.9.[4-6]). Spectroscopy techniques are notideal for MMCs 2.1. Sample processing
because micro Raman spectroscffiyrequires transparent
matrices and peizospectroscof8} and is a surface tech- A model composite comprised of a single, polycrys-
nique. X-ray and neutron diffraction are more advantageoustalline Al,Oz fiber (4.75 mm diameter, from Coors Ceramics,
for damage evolution studies in MMCs as they provide in situ Golden, CO, USA) and an Al matrix were prepared by cast-
strain data from all phases, and especially for neutrons, areing. The Al alloy used was 6061 (ESPI Metals, Agoura Hills,
much more penetrating (in the order of cm). CA, USA). The manufacturer reported an average grain size
Asingle-fiber composite, containing atleast one fiber frac- of 7 um in the fiber. The average grain size in the matrix was
ture, can be an excellent tool for characterizing and under- determined to be 2um using the linear intercept method
standing various damage evolution mechanisms. More tra-[12,13]
ditional characterization techniques, which use such speci-  In order to ensure a fiber fracture at the center of the gage
mens are fiber pull-out, push-out, or fragmentation tests. Thesection during subsequent loading, a 0.4 mm notch was cut
latter typically involves a rather complex statistical analy- around the circumference of the fiber to a depth of 1.1 mm
sis for interpretatio}9]. Fiber pull-out (or push-out) spec- using a diamond saw. The sample was cast in a 304 stainless
imens often contain a large volume fraction of matrix (ap- steel mold under vacuum after purging the mold with argon.
proximately 80-99%); much larger than that found in real The mold was machined to hold the alumina fiber vertically in
composites. a tube furnace while the Al melted around the fiber. Follow-
Therefore, microstructural constraints mentioned earlier ing 30 min at 800C, the entire mold was quenched in water
may not exist in such specimens. Furthermore, in most of the at room temperature. A cylindrical tensile sample was then
above-mentioned tests substantial statistical variation in themachined from the cast form. The final dimensions of the
estimates of the interfacial shear stress renders some of th&omposite gave a 30 mm long gage length with an 8.25 mm
results inconclusive. gage diameter and 76 mm total sample len§il.(1). These
There are afew analytical models, which analyze interface dimensions yielded 33% fiber volume fraction for this spec-
or matrix damage from a single broken fiber under cyclic imen in the gage section.
loading[10,11). However, these models are based on the  To verify the fiber and interface integrity following cast-
shear lag concept, which assumes that the matrix deformsing and machining, X-ray radiography was performed using
only in shear. While quite promising for composites with a Philips Dens-O-Mat at 65kV and 7.5mA. It was shown
high-fiber volume fractions (over 60%), they are not appli- that the matrix did not contain noticeable voids within an es-
cable for the composite considered in this study (which had timated resolution of 3.m and the fiber was aligned with
33% fiber volume fraction). In this case, and for MMCs in
general, itis essential that the axial deformation of the matrix
is included in the analysis. The impact of residual stresses on
local deformation, propagation and shrinkage of the plastic 10 mm
regions around the break, and macroscopic composite de- \
formation will largely be governed by both shear and axial
deformation in the matrix. Therefore, for reliable character-
ization of the interface and matrix properties, the interpreta- _g0°
tive model must allow for a combination of interface slip and
matrix axial deformation.
The present work is concerned with characterizing the in
situ matrix and interface deformation in a single-fiber MMC
using neutron diffraction (ND). We studied the effects of in
situ fiber fracture, matrix plasticity and interface slip on the Detector Bank
elastic strain evolution observed with ND in both the fiber and
matrix. The ND data were complemented with macroscopic \ Tensile Axis
stress—strain measurements which described the overall com-
posite behaV|0r.. A new apprqach was deve_IOped that relate§=ig. 1. Schematic of the single-fiber composite test during neutron diffrac-
ND data to a simple, analytical model which tracks dam- tjon. Longitudinal strains measured in the=2—90° detector bank were
age evolution in an AlOs-fiber/Al-matrix composite under integrated over the volume irradiated by the incident neutron beam.
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the central axis of the specimen. The specimen was also ra- #
diographed following the neutron diffraction experiments. T | g
Another composite, prepared using the same method as T
mentioned above, had its matrix polished away from the
fiber along a 30 mm region of the gage section. This fiber 15 €= 38 mm
became free of the thermal residual stress that could be gen-£™* = 9.31 mm
erated due to differences in its coefficient of thermal expan- 3 m_IF
sion with that of the matrix and was used as a strain-free Epage
reference for diffraction experiments. This way, the initial N
thermal residual strains for the fiber in the composite could 4 Fiber
be determined. A monolithic matrix alloy specimen was also -
processed similarly and used as a strain-free reference for 1 1
the matrix. P 111 111

Fig. 2. Geometry of the test specimen and the neutron gage volyme,
Mechanical loading with simultaneous neutron diffrac- andry, denote the fiber and composite radii, respectively. The maxibgum

tion was performed using the Neutron Powder Diffractometer calcglated_ frqm the model{®) is also shown. Stress is applied only to the
(NPD) and the Spectrometer for Materials Research at Tem-Matx as indicated.
perature and Stress (SMARTRB}], both at the Los Alamos
Neutron Science Center (LANSCE). Special hydraulic load the matrix. It is important to note that the measured strains
frames stressed the samples in 10-20 MPa intervals for ap-were an average over the 14 mm neutron gage length created
proximately, 45 min per loading step starting at 3 MPa. by a 10 mm wide neutron beam, which illuminated the entire
Five tensile loading—unloading cycles were applied to the cross-section of the composite at an angle 6f 4%his gage
composite. In the first cycle, it was loaded to 80 MPa and volume is illustrated irFig. 2as the grey shaded area.
unloaded to 3MPa. In the subsequent cycles, it was loaded The diffraction data were analyzed using the Rietveld
to 100 MPa and unloaded back to 3MPa. Several neutronmethod[15,16] Comparison of the initial values of the lat-
measurements were conducted during these cycles. Duringice parameters of each phase of the composite to those ob-
the fifth cycle, the specimen failed near the shoulder of tained from the two reference monolithic samples showed
its threaded section and outside the gage region sampledhat the thermal residual strains were relaxed in the compos-
by diffraction. The sample was maintained in position af- ite to within 200x 10~ strain. This value is typical for strain
ter failure and final residual strain values were recorded: error in neutron diffraction experiments that involve sample
+460x 107 in the fiber and—740x 107 in the matrix. changes and is attributed to the sample displacement error
Post-mortem X-ray radiography of the composite showed [17]. Therefore, the reference point for the lattice strains due
that the fiber had also broken at the notch in the middle of the to applied loading was taken to be the nominally zero load
gage section. position (at 3 MPa applied stress). The elastic strain in the Al
Tensile stress during diffraction was also applied to the matrix was calculated from changes in its lattice parameter.
reference fiber sample to observe its mechanical response irThe cubic crystal structure of Al (space grobm3m, face
monolithic form. The fiber was stressed in 20 MPa intervals centered cubic), its relatively low elastic anisotropy (=1.2),
up to 160 MPa while recording neutron diffraction patterns and the effective averaging done by the whole-pattern Ri-
at the same time. The tensile stress—strain curve of the referetveld refinement justified this approach. However, the alpha
ence matrix sample was determined at Caltech using a screwalumina fiber had trigonal crystal structure (space grieup
driven load frame. The axial macroscopic (total) strain in all 3c, corundum) and was somewhat textured. This led to an
three samples was monitored with a 25 mm gage length ex-anisotropic (though linear) response by atsand c-lattice
tensometer. Results showed that the matrix was linear elastigparameters to applied loading. Furthermore, the relatively
with a Young’s modulus of 70 GPa until it reached its initial low intensity of 00-type reflections led to higher fitting er-
yield point of 80 MPa. Thereafter, the stiffness was reduced rors in thec-lattice parameter. Therefore, the polycrystalline
to 6 GPa. The fiber Young’s modulus was measured to be average of the Young’s modulus of the fiber (=330 GPa, de-
330 GPa. termined by the extensometer during diffraction experiments
Using time-of-flight neutron diffraction, the bulk average on the reference fiber) was used to “adjust” the lattice strain
elastic lattice strain in the specimens was obtained in both exhibited by the-lattice parameter so that it would represent
the longitudinal and transverse directions simultaneously. A the polycrystalline average. This approach was taken due to
schematic revealing the loading and diffraction geometries lack of detailed information about the texture in the fiber and
is shown inFig. 1 As indicated by the orientation of the to avoid making sweeping assumptions about load sharing
scattering Q) vector, data from the®2= —90° bank provided among various lattice planes of alumina ($&8] for a re-
longitudinal (axial) strain information from both the fiberand lated discussion).
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- the lattice strain evolution for just the loading portion of the
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first cycle. Even at the beginning, both phases evolve sepa-
| rately but appear to exhibit similar diffraction moduli until
60 MPa. Above this applied stress, the diffraction moduli of
the matrix and fiber deviate further. As shownrHig. 3, the
matrix diffraction modulus decreases continuously and satu-
rates around 74 GPa in cycles 3-5. At the same time, the fiber
1 diffraction modulus increases from cycle 1 to 2 and does not
change significantly in the remaining cycles until failure.
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4. Analysis

-800 -600 -400 -200 0 200 400 600 800 1000
Elastic Strain From Neutron Diffraction (x106) The purpose of the following analysis is to associate
the experimental strain data with a model that describes
Fig. 3. Axial strains measured by neutron diffraction in each phase vs. the mechanical behavior and interactions of the fiber, ma-
e e T o o e o i vt o 1 an inteface. Since 12y radiography o the compos-
i25px 106 opbtained during the experim?ant. Note theﬁpthis valuegis much ite did not reveal any Vo'd'“9 or cracking in the mam)_(’ I .
lower than that realized when sample change occurs (abd00x 1076). was assumed that the most important aspects to consider in
the model were fiber fracture, matrix plasticity and interfa-
cial shear response. The preliminary analysis in Seetitn
3. Experimental results shows that the fiber—matrix interface was not intact during
the cyclic loading. Based on this result, a simple analyti-
Fig. 3exhibits the axial lattice strain evolution inthe com- cal model with an elastic fiber, a slipping interface, and an
posite during several loading—unloading cycles. The residual elastoplastic matrix was developed and will be described in
strains shown in this figure (at the end of each unloading cy- Section4.2
cle) experience a gradual evolution in both the matrixand the  The material data used in the following calculations are
fiber. The matrix is seen to develop a progressively increas- shown inTable 1 The alumina fiber was assumed to be elastic
ing compressive residual strain while the fiber attains higher throughout, with a modulus of 330 GPa, as measured in the
tensile strain. This evolution is especially pronounced in the tension test of the reference fiber. A linear hardening law
first three cycles and tends to saturate in the last two. Thiswas fit to the matrix alloy’s monolithic stress—strain curve in
suggests that inelastic deformation no longer evolves beyondtension (fit not shown). The initial yield point was 80 MPa
cycle 3. and the resulting values for the stiffness of the monolithic
Another important observation froRig. 3isthe changein  matrix in the elasticm) and plastic £},,) regions are listed.
the apparent (diffraction) moduli of each phase given by the In what follows, relative displacement of the fiber and matrix
slope of applied composite stress versus elastic strain plotsacross the interface will be called interfacial slipping.
To clearly see where these changes initi&tig, 4 shows

4.1. Intact interface

80

This section establishes that the fiber—matrix interface
in the composite specimen was not intact, i.e., it experi-
enced slipping during tensile loading. An estimate of the
uniform stresses and strains far from specimen ends in the
fiber (of®™) and matrix ¢;,>™), when both of these are
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50

=
ot
= 40t
& 50l Table 1
Material parameters for the matrix and interface used in the modeling
20 Fiber —A— calculations
10 Matrix —v— | Measured Estimated
. _ Rule of Mixtures Prediction —@— Em(GPa) E, (GPa)  Yield point s(MPa)  Yield point,
0 100 200 300 400 500 600 (monolith) oy (in situ)
571’ e [x109] (MPa) (MPa)
70 6 80 55 80

Fig. 4. The measured elastic strain in the fiber and matrix averaged over theThe first three were obtained from the tension test of the monolithic matrix
neutron gage volume in the loading part of cycle 1. Also plotted is the rule sample while the last two are in situ parameters in the composite estimated
of mixtures prediction of strain given by Eq4.)~(3). by the model.
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elastic and well bonded, is given by the rule of mixtures as: Rule of Mixtures
(Af + Am) E Matrix
(of
O_fr,o_m. — C f m f (1)
EtAt + EmAm
and Fiber
O_r.o_m. _ GC(Af + Am)Em (2) ©
m EtAf + EmAm
Here,o. is the applied composite stress, white and Ay,
denote the cross-sectional areas of the fiber and matrix, re-
spectively. The elastic strain in the fibet¢™) and matrix
(el;>™), however, are equal: ol el
Ef s Em
rom. _ _rom. _ of oM _ o™ 3)
&t =%m - E; - Em Fig. 5. Schematic representation of the expected stress—strain response in a

composite with an intact fiber, a bonded interface and a yielding matrix.
Chen et a[19] have studied an alumina fiber/6061 alu-

minum alloy matrix composite with an intact fiber and a
strong interface obtained by a fabrication procedure different the observed strain evolution in both phases was inefficient
from that used in this work. They found that the experimental load transfer from the matrix to the fiber due to slipping at
composite moduli matched those derived from rule of mix- the interface.
tures considerations. Another indication of slipping at the interface is furnished
Fig. 4 shows the elastic strain evolution in the present by the discrepancy in the residual strains after specimen fab-
specimen in both phases during cycle 1 along with the rule of rication. It was reported in Sectio®.2 that the measured
mixtures curve. If the fiber were intact, the fiber and matrix average thermal residual strain in the specimen is small, and
were elastic and well-bonded, and the (neutron) gage volumecomparable to the experimental error of measurement. We
sufficiently removed from the ends of the specimen where used an axis-symmetric finite element (FE) calculation to
load was applied, then the strain in the gage volume would becompute the thermal residual state in a specimen cooled by
uniform and the fiber and matrix would experience the same 100K from a stress-free state. In choosing the stress-free
strain as that predicted by the rule of mixtures. However, it temperature to be 100K above room temperature, we are
is seen that fiber and matrix strains fall to either side of the guided by the work of Fukui and Watanaf®9] on an al-
rule of mixtures line Fig. 4). Because of this deviation, we loy similar to the present matrix material (albeit with SiC
can conclude that the fiber and matrix are neither deforming particle reinforcements). They find that the thermal resid-
elastically nor well bonded. ual stress in their material is well-modeled by their theory
A possible mechanism to consider when interpreting the if the stress-free temperature is taken as 140K above room
observed behavior iRig. 4 is matrix yielding while the in- temperature. In order to be sure of underestimating the resid-
terface remained intact. Selecting an intermediate stress levelal elastic strains, we round this down to 100 K above room
oc =40 MPa for Eqs(1) and(2), the following stress values  temperature.
are obtaineds{®™ ~ 92 MPa and;;>™ ~ 15 MPa. Both In the FE calculation, we assumed an intact elastic fiber,
of these values are well below the monolithic yield points an isotropically hardening matrix whose stress—strain curve
of the fiber and matrix; therefore, both phases would likely is set to the measured bulk response of the matrix mate-
remain elastic if the fiber and interface were both intact. Even rial, and a perfectly bonded interface. We took the coeffi-
if the matrix did yield (perhaps due to either a very low in cient of thermal expansion of the aluminum matrix to exceed
situ yield stress or a high tensile thermal residual stress priorthat of the alumina fiber by 12 10-6/K, independent of
to loading) while the interface was intact, the experimental temperature. The FE results yield elastic strains much more
data would not be matched by the rule of mixtures model. than what is measured. The calculated elastic axial strain
For in that case, the fiber and matrix strains would evolve atr=r; is approximately 79& 105, while that near =ry,
instead as illustrated iRig. 5. As shown, the matrix would  is approximately 33& 10-6. These values remain nearly
become compliant due to plasticity and transfer more load to constant in the neutron gage volume, away from the spec-
the fiber through the interface than that predicted by the rule imen ends. The gage volume average of the axial elastic
of mixtures formula. Accordingly, the fiber strain would ex- strain must fall between these extremes. Since the measured
ceed the rule of mixtures value and the matrix strains would value lies far lower, it suggests that an assumption of the
fall below the rule of mixtures value. However, the opposite model, viz. compatibility at the interface is being violated in
is observed irFig. 4 The measured elastic strain in the fiber the experiment.
is smaller than the rule of mixtures value and the elastic strain It must also be mentioned that the above residual strain
in the matrix is consistently larger than the rule of mixtures computation could have alternatively been performed using
prediction. It was, therefore, concluded that the reason for simple concentric cylinder models (see Johnson ¢2a]).
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Fiber Matrix Interface Shear break_ is preser)t arl= 0.2; | is half the length of the specimgn
— ot tom (se€Fig. 2). By fitting ts, ands(o¢) to the experimental elastic
5| & [ ) [ strain data, the present model only aims to capture the correct
> I $20 amount of load transfer from matrix to fiber, and thereby to
g capture the axial elastic strains in the neutron gage volume.
E| 4 o] | , We caution thatrs should not be interpreted as an ap-
;:”: ;g;;; — proximation of the actual critical interfacial shear stress, nor
| &L % Y i\ ] 16 Is(oc) as the actual interfacial slip length. These interpreta-
i _? ST Lo B __T_s_I_j_’f_s_ N tions will only hold if the actual interfacial shear profile is
g s | | T RS ‘) well approximated by the assumed shear profile, and we are
g Tl ot T RY unable to assert that using the present model. In other words,
Omt Y om good approximations of the critical interfacial shear stress

and slip length fall outside the scope of the present model
Fig. 6. Free body diagrams showing the idealized stresses in the fiber andand are left to future modeling work to determine. However

matrix with a slipping interface. Two cases are considered: the first row issible int tati is thay I h |
shows an intact fiber and the second, a broken fiber. Column 3schematica||yfr’1 permissibie interpretation 1S s(0c)/lgage Wherelgage

compares the likely actual interfacial shear profile (solid) to the shear profile 1S the_length of the_ interface within the neum_)n gage volume
idealized in the present model (dashed). (seeFig. 2) approximates the actual average interfacial shear

stress over the length of the interface within this volume.
We make some further assumptions before proceeding.
4.2. Slipping interface: elastic strain evolution Because only a few loading cycles are considered, interface
degradation is expected to be minimal, and therefore, we as-
In this section, we use a simple analytical model to gain a sumers, is constant while fitting all cycles of the experiment.
first understanding of the evolution of elastic (lattice) strains The applied stress at the grips is represented by a uniform ten-
in both the matrix and fiber. A key assumption on the in- sile stress o0&y, =o¢ (As + An)/An acting at each end of the
terfacial shear stress profile underlies the simplicity of the matrix (sed-ig. 2). Finally, normal (radial) stresses between
model. Below, we describe the model with its assumptions the fiber and matrix are ignored. Therefore, the axial strains
and then examine their validity and consequenéég. 2 arising from the Poisson effect are not considered in compar-
shows a schematic of the sample geometry around the neuison to the axial strains due to axial loading.
tron gage section. The assumed interactions between the fiber Using one-dimensional equilibrium considerations along
and matrix are modeled as shown in the free body diagramsthe fiber axis(z direction) for the intact fiber case (the first
of Fig. 6. Two cases of interest are the events before and afterrow of Fig. 6), the fiber stress was obtained as:

fiber fracture; these occupy respectively, the first and second 21ds

rows of the figure. The figure also shows two of the unknown , ifo<|zl<l—-1Is

parameters in the modets andls(o¢), which quantify the of(z) = er(l _2) (4)
model interfacial shear profile shown. The latter is a func- g, ifl —1Is<|z| <1,

tion of the applied stressr{) while the former is not. The i

Is(o¢) in the z-axis is the same within the same row. Equi- where 2 is the total length of the composite. As marked
librium dictates thats(oc) be equal near traction-free fiber in Fig. 2 | =38 mm,r; andry, are the fiber radius and outer
ends, both in the intact and broken fiber cases. It is critical radius, respectively, aras the fiber axial coordinate defined
to realize that by assuming the shear stress profile as showrfrom the notch. Similarly, the matrix stress was given by:

in the last column ofig. 2 the original problem reduces to

2 _
two axis-symmetric traction boundary value problems, one Ocrm — 28/t

if0 <|z] <l—1Is

each for the fiber and matrix, which can be readily solved rh— rfz ’

for elastic strains even though the matrix may be undergoing °m )= 2 _ o (5)

plastic deformation. This is because the traction boundary Ic/m — 27s( 2_ Z)rf, ifl—Is<|z| <1

conditions shown irFig. 6 together with equilibrium con- rh =i

siderations determine the stress, and hence, the elastic strain  Following the same approach for the broken fiber case (the

state, independent of the constitutive law. second row ofig. 6), the fiber and matrix stresses were:
In actuality, the interfacial shear profile is determined by

displacement compatibility across the interface where the ZTSZ, ifo < |z| <Is

shear stress is below a certain frictional threshold, and equals i -

the frictional shear-stress threshold elsewhere. A schematic 27l )

sketch of the actual and assumed shear-stress profiles igt(x) = rr ifls <zl <1 —1s (6)

shown for the broken and intact fiber cases in the third column

of Fig. 6. Note that by symmetry, the shear stress must be zero 2t5(l — 2) ifl—ls<|zl <1

atz=0 when the fiber is intact and at +1/4 when a fiber e -
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and of the fiber. This observation supplied us with the following
O_Cr% - ' constraint on the choice afs: ts was required to be large
— Y if |z] <ls enough, so thdt(o¢) would always be contained within the
Fm = T¢ neutron beam. Therefore, for a giveswithin this range one
ocr2, — 2rdrt _ can choose a suitablgo ) to fit the measured matrix strains
om@) ={ — %, ifls<lzl<l—1Is (7) with the model predictions. The valueqf and its associated
fm = 7% Is(oc) were selected based on the one that best predicted the
ocrd, — 2ts(l — 2)rt l—le< 2l <1 measured fibgr str_ain. . . .
2 rfz ) s= Il = Next, within this range ofrs an iterative calculation

was performed in whichs was varied to obtain the best
For both cases, the one-dimensional Hooke’s law gave theagreement between the measured and calculated fiber

elastic strains as: strains. Note that this was a one-parametegrfit of the fiber
ol ot(z) profile and did not amount to fitting the fiber curve in the
&f (2) = B and same sense as fitting the matrix curve. Furthermoyean
(8) only be varied over a limited range as described above. This
8%!@ — om(2) involved fitting 1s(o¢), each timerg was altered to continue
Em to fit the matrix strains. The calculations showed that the

To compare with the neutron measurements, all calcu- calculate&?' always exceeded the measuEéH Therefore,
lated strains were averaged over the neutron gage volumethe best choice ofs was determined by the aforementioned

which was asymmetric, as illustratedfig. 2 Eqgs.(4)8) constraint;zs =55 MPa was the smallest value such that the
involve two unknownszs andls. Following the procedure  |s remained within the beam.
detailed belowzs andls(oc) were refined, so that the cal- Figs. 7 and &ompare the calculated and measured aver-

culated average matrix strains agreed well with the neu- age elastic strains in the first and second loading cycles of
tron diffraction data. The success of the model was judged the composite, respectively. The prediction usgd55 MPa
by the agreement between the measured and predicted fibeand its associatdgd(o¢). Thels(o¢) used for the fit are shown
strains. in Fig. 9. Is(o¢) progressively increases with higher applied
As Egs.(5), (7), and(8) indicate, the axial strain in the stress and reaches its maximum value (=9.31 mm) in cycle 3
matrix has a linearly decreasing region near the fiber-free atoc =100 MPa. The residual value kfoc) (atoc =3 MPa)
surfaces and a region of uniform strain in between. A larger also increases slowly with successive cycles suggesting a
75 implies more rapid load transfer between the fiber-arid slow degradation of the interface with continued cyclic load-

matrix, i.e., a smallets(o¢) for all o¢. For fixedrs, by ad- ing of the composite.
justingls(o¢) it was, therefore, possible to alter the averaged  The model is only slightly sensitive to the value 6f
elastic strain over the neutron gage volume. FFoq 3, it is Setting ts=60 MPa, and refittinds(cc) so as to align the

observed that the measured, average, elastic fiber sEEé)in ( calculated and measured average matrix strains results in an
is sensitive tarc. According to Eqs(4) and(6), however, the  increase of only &« 10-8in the computed average fiber strain
model predictions of this strain should be independent.of  atthe peakload of 80 MPa during cycle 1. The corresponding
if Is(oc) were to approach or exceed the neutron gage lengthincrease in cycle 2 is 1% 10-°. The computed average fiber

Cycle 1, Loading Cycle 1, Unloading

80 e 80 R Lo
ok g . £%, measured
£ measured
60 | 60 |
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= 40r = 4t
< <
© 30} © 30
20 20
10 | ' 1 10 +
100 0 100 200 300 400 500 600 700 600 400 200 0 200 400 600 800
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Fig. 7. Comparison of the measured and calculated volume averaged lattice strains in cycle 1 of the composite assuming that the fiber faileel ifttais cycl
model is fit to the matrix curve and is used to calculate the fiber curve, which is seen to be in good agreement with the measured fiber strains.
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Cycle 2, Loading Cycle 2, Unloading
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Fig. 8. Comparison of the measured and calculated volume averaged lattice strains in cycle 2 of the composite. The fiber was assumed to fail Huring cycle
The model is fit to the matrix curve and is used to calculate the fiber curve, which is seen to be in good agreement with the measured fiber strains.

residual strain after cycle 2 remains unchanged wheis Thus, even in the first two cycles, we suspect that not
changed from 55 to 60 MPa. much more than 55 MPa in the experimental specimen.
Itis generally accepted thaf may decrease substantially Push-out and pull-out experiments are commonly used to

during the first few cycles of loading, as the asperities leading characterize inter-facials. While such experiments do not
to friction at the interface are ground down during load cy- give a clear indication of the shear profile along the interface,
cling [22,23] Using the present simple model, although we an approximation ot is obtainable by assuming the inter-
are unable to firmly deduce such a loweringrgfvith load facial shear profile to be uniform and applying Kelly24]
cycling, or lack thereof, we have grounds to believe that any formula:

such reduction is small in our specimen. Because, according

to the modelzs=55 MPa leads to a maximuhlp=9.31 mm s A P 9)

~

in the third cycle, that is, only slightly less than quarter the 2naH
length (/2; seeFig. 2) of the composite. Since physically,
Is <1/4, the actuaks during the third cycle cannot be much
less than 55 MPa. Now, suppose that the value;if larger
than 55 MPa in the first two cycles. This contradicts the re-
sult of the preceding paragraph that the fits usisig60 MPa
are poorer than those using= 55 MPa (albeit only slightly).

whereP is the peak load applied to the fibaiits radius, and

H its embedded length in the matrixg depends sensitively

on the fiber and matrix materials, composite-fabrication tech-
nigue, testing temperature, among others. We are unaware of
extensive interfacial studies through pull-out or push-out tests
for our composite system. However, a detailed push-out study
of SiC fiber—Al matrix interfaces was done by Lu e{2b],

who foundzs to be a Weibull-distributed random quantity of
fairly large variance, with average strength 60.9 or 46.8 MPa,
depending on the composite fabrication procedure. Thus, the
fit value ts=55 MPa falls within a reasonable range.

The fiber was assumed to fracture between 60 and 80 MPa
of cycle 1in these calculations. While an X-ray radiograph of
the specimen after the experiment did reveal a broken fiber,
there is some uncertainty as to when exactly it broke dur-
Cycle 1 —— ing the experiment. Although a lower probability, the fiber
Cycle 2 —@— - might have also broken during cycle 2. If this were the case,
then the fiber failure would have occurred between 80 and

100

90
80
70 |
60
50

o, [MPa]

40 +
30 +
20 +
10

le 3 —A— ] T .
0 , 1 . Oye : s , 100 MPa in this cycle because the sample faced no higher
o1 2 3 4 5 6 7 8 9 10 stresses in subsequent cycles. Separate calculations were per-
£ [mm] formed (not shown here) for the second case of fiber fracture,

. . . . . also withts=55 MPa. The fiber strains were predicted to be
Fig. 9. The evolution of the model slip length in the composite for . 6 . . .
Ts=55MPa. The fiber was assumed to fracture between 60 and 80 MPaWlthln +20 x 107> of those eSt_'mated for the first case (flbel_’
in cycle 1. Thesds values were used to generate the model predictions in fracture during cycle 1). In either case, however, the main
Figs. 7and 8 premise of this study is still valid; strain evolution during the
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cyclic loading of this alumina/aluminum composite could be straight lines: linear elasticity with modull&, up to (v,

described reasonably well by a slipping interface model. ovy) followed by linear hardening with modulug,;:

The success of the present simple model can be judged £ i
by comparing the calculated average strains in the fiver mém(2), if em(z) < ey (10)
with those measured. The model reproduced the fiber elastic ™ Elem(z) + (Em — El)ey.,  if em(2) > ey

strain data within the error of measurement for small ap-
plied stresses and captured accurately the residual strain ayvhereey =oy/Enis the yield strain, andy is the yield stress.
the end of cycles 1 and Figs. 7 and B There was some Therefore, forom > ov, the plastic part of the matrix strain
discrepancy, however, between the data and model predic-during loading over the previous maximum stress is given by
tions at higher loads (the maximum strain deviation was ( 1 1 )

11
o (11)

118x 105 ato =80 MPa n cycle 1). These deviations sug- £m(z) = om(z) — oy
gest a slight difference between the actual shear profile at

the interface and that assumed by the model. Several kinks The material parameters obtained by fitting this equation
in the fiber strain data (e.g. at =40 MPa during unload-  to the stress—strain curve of the monolithic matrix are shown
ing, in both cycles 1 and 2) support this hypothesis. These in (Table J).

kinks were likely to be caused by some non-uniform slip- ~ Knowing the matrix stress in the compositen(2)) from

ping along the interface, contrary to the uniform slipping EQs.(4) to (7), the plastic part of the matrix strain could be
assumed by the proposed model. In conclusion, it is not pos-computed from Eq(11). Here,sﬁq'(z) was only calculated
sible to rule out some stick-slip-type behavior at the inter- during loading and above the previous maximum stress. The
face. Nonetheless, based on arguments presented earlier (sgdastic strain was assumed to remain unchanged during un-
Section4.l), it is clear that the composite behavior is bet- loading, i.e., the matrix was not expected to yield during this
ter characterized by a uniformly slipping interface than an step. Note that in the abowey can be considered an un-
intact one. known, allowing for the possibility that the in situ yield stress
is different than the ex situ one. The calculated total matrix
strain is theret®t = ¢€! 4¢P as given by Eqs(8) and(10)
above.

For a final validation of the slipping interface model, the The calculated and measured total strain in the matrix (i.e.,

total (elastic + plastic) surface strain in the composite as mea-at the surface of the composite) are compared favorably in

sured by the extensometer was compared to model predic-Fig- 10 When the in situ matrix yield stress in the composite

tions. Fig. 10shows the evolution of the total axial surface (¢v) wastreatedas afitting parameter, a value of 80 MPa gave
strain in the matrix as a function of applied composite stress the best fit. Interestingly, 80 MPa was also the yield point of
(o) during cycle 1 (with a maximum stress of 80 MPa) and the rr_10noI|th|c matrix specimen. T_h|s re_sult.suggests _that the
cycle 2 (with a maximum stress of 100 MPa). matrix had not unde_rgone appreciable in situ hgrdenmg dyr-
In this comparison, the tensile stress—strain curve of the I"9 duenching, possibly due to the poor interfacial constraint

monolithic matrix (not shown) was approximated as two between fiber and matrix. This is also in agreement with the
observation in SectioBthat the thermal residual stress in the

matrix after quenching was small. All of these results confirm
the poor quality of the fiber—matrix interface in the composite
specimen.

4.3. Slipping interface: plastic strain evolution

Cycles 1 and 2

T T
Extensometer Data

90 r —@— Model: Cycle 1 .
5. Conclusions

—— Model: Cycle 2
Combined neutron diffraction and micromechanical mod-
eling allowed the characterization of the in situ failure events
occurring in an A$Os/Al single-fiber composite under cyclic
tensile loading. Neutron diffraction provided the necessary
strain resolution to deduce the deformation characteristics
of each phase. From the in situ strain evolution and the
: , ) ) macroscopic stress—strain curve, it was evident that inter-
-500 0 500 1000 1500 2000 face slipping, fiber fracture, and matrix yielding evolved dur-
Suotar [x10°] ing the first two cycles of the five-cycle test, with maximum
. . . . stresses of 80 and 100 MPa, respectively. Significant changes
Fig. 10. Comparison of the measured and calculated total axial strains on. o . . . .
the surface of the composite assuming the fiber broke in cycle 1. The ex- m_the composite’s residual Stra_ms were aSSOC|at_ed with these
perimental strain data were collected by a 25 mm gage length extensometedailure events. Later, cycles with the same maximum stress
clamped symmetrically across the neutron sampling volume. of 100 MPa showed minimal irreversible deformation. The

. [MPa




42 J.C. Hanan et al. / Materials Science and Engineering A 399 (2005) 33-42
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An analytical model was used to interpret the in situ inter- Office of Basic Energy Sciences under contract W-7405-
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